We report a molecular-dynamics study of the mechanical response to dynamic biaxial tensile straining of nanometer-scale-thick Al, Cu, and Ni films. We find that the mechanical behavior of such films of face-centered cubic metals with moderate-to-high propensity for stacking-fault formation ͑Cu and Ni͒ is significantly different from those where such propensity is low ͑Al͒. The plastic strain rate in Cu and Ni films is greater than that in Al ones, leading to an extended easy-glide stage in Cu and Ni but not in Al films. These differences arise due to the different dislocation annihilation mechanisms in the two film categories. © 2009 American Institute of Physics. ͓DOI: 10.1063/1.3093676͔
A broad range of modern technologies relies increasingly on the use of nanometer-scale-thick metallic films. During the numerous processes involved in the development of micro-and nanoscale devices, the constituent metallic materials are subjected to various thermomechanical environments, which cause their straining and plastic deformation. The plastic deformation of single-crystalline metallic materials is facilitated by nucleation and glide of dislocations, as well as interactions of dislocations with various other defects. In nanostructured forms of metals, however, such plastic deformation phenomena are not well understood. Metallic nanostructures and other small-volume structures exhibit, for example, ultrahigh strength unlike their bulk counterparts.
1,2 In these structures, dislocation depletion is responsible for the observed ultrahigh strength.
2 For example, in compression experiments of Ni single-crystalline nanopillars with a high initial dislocation density, the dislocation density always decreased during the application of strain; 3 subsequently, the nearly defect-free crystal deformed elastically until additional dislocations nucleated.
In metallic ultrathin films and other nanostructures, the underlying atomic-scale deformation mechanisms are particularly difficult to study experimentally. The purpose of this article is a comparative atomic-scale analysis of the dynamic deformation of freestanding Al, Cu, and Ni ultrathin films based on large-scale molecular-dynamics ͑MD͒ simulations. Our analysis reveals that dislocation annihilation is more prevalent in films of metals characterized by a high propensity for the formation of stacking faults. The different mechanisms of dislocation interaction and annihilation account for the differences in the mechanical behavior between films of metals with more stacking faults ͑such as Cu and Ni͒ and those with fewer stacking faults ͑such as Al͒.
In our MD simulations, we employed slab supercells consisting of freestanding single-crystalline films with periodic boundary conditions applied in the x-and y-directions in a Cartesian representation; the film planes were oriented normal to the z axis and the films had thicknesses of a few nanometers. The Cartesian x, y, and z axes were taken along the ͓110͔, ͓112͔, and ͓111͔ crystallographic directions, respectively, with the film plane corresponding to the ͑111͒ crystallographic plane. For the results reported here, we employed simulation cells that contained 1 520 640 atoms with edge sizes of 240d x , 432d y , and 21d z in the x-, y-, and z-directions, respectively, in the films' unstrained state; d x , d y , and d z are the equilibrium interplanar spacings of the crystals in the ͓110͔, ͓112͔, and ͓111͔ crystallographic directions, respectively. The films were subjected to dynamic biaxial tensile straining at a constant high strain rate of 7 ϫ 10 8 s −1 and constant temperature, T = 100 K. We used the public-domain computer software LAMMPS ͑Ref. 4͒ and ATOMEYE ͑Ref. 5͒ for the MD simulations and the visualization of the MD-generated atomic configurations, respectively, and common neighbor analysis 6 for detailed structural characterization. Our samples were prepared ͑prestrained͒ according to the techniques of Ref. 7 ; the initial dislocation densities in our samples ͑after pretreatment͒ ranged from 1.2 to 1.8ϫ 10 17 m −2 . A detailed description of our MD simulation methods and the methods of analysis of the simulation results can be found in the supplementary document. 8 The three different fcc metals examined in our study are characterized by different propensities for formation of stacking faults; this propensity is expressed by the ratio ␥ s / ␥ u , where ␥ s and ␥ u are the stable and unstable stackingfault energies, respectively; high ͑low͒ values of ␥ s / ␥ u imply small ͑large͒ total stacking-fault area. In our study, the interatomic interactions were described using embedded-atommethod ͑EAM͒ potentials. The parametrization developed by Mishin et al. was used for Al ͑Ref. 9͒ and Cu, 10 whereas that developed by Angelo et al. was used for Ni. 11 The choice of the EAM potential for each material was based on its accuracy to predict ␥ s , ␥ u , and the ideal critical shear stress in comparison with the predictions of ab initio calculations, 12, 13 as shown in Table I .
The mechanical responses of the three different metallic films examined in this study are shown in Fig. 1. Figures 1͑a͒  and 1͑b͒ show the evolution of the von Mises shear stress ͑calculated using the Virial formula 14 ͒ as a fraction of the material's ideal shear strength, vM / u , and of the dislocation density as a fraction of the initial dislocation density, a͒ Author to whom correspondence should be addressed. Electronic mail: maroudas@ecs.umass.edu.
/ 0 , respectively, during the dynamic biaxial straining of the three ͑Al, Cu, and Ni͒ thin films; the applied strain rate is constant and the applied strain level, , increases linearly with time until failure. In our simulations, the maximum vM for the different metallic films varied between 35.2% and 44.5% of their ideal simple shear strength according to the EAM models employed. These maximum vM values are consistent with experimental measurements on Au nanopillars that reached 44% of their theoretically predicted ideal pure shear strength. 15 Figure 1͑c͒ shows the evolution of the plastic strain rate,
where V is the volume of the thin film and b i , l i , and ẋ i are the Burgers vector of, length of, and distance swept by the ith gliding dislocation over a specified time interval, respectively; Ṡ i = l i ẋ i is the area swept by a dislocation of length l i over the same time interval. From the stress-strain curves of Fig. 1͑a͒ , it is evident that the mechanical response of the Al film is significantly different from that of the Ni and Cu films. In the initial deformation stage ͑stage I͒, vM increases in all three metallic films. Beyond this stage, in the Ni and Cu films, we observe an extended "easy-glide" stage ͑stage II͒ where the stress remains approximately constant; this easy-glide stage is then followed by a stage of stress buildup ͑stage III͒ in the films. In Al, however, vM increases monotonically during stage II. As shown in Fig. 1͑b͒ , the dislocation density decreases for all three films until the stress buildup is high enough to cause nucleation of additional dislocations; nevertheless, in the Al film, during stage II, the dislocations are annihilated at a slower rate compared to that in the Ni and Cu films, and at the end of stage II, the dislocation density, / 0 , is much higher than those in the Ni and Cu films. As shown in Fig. 1͑c͒ , for all three films, the plastic strain rate increases during stage I; however, the increase is ϳ60% greater for the Cu and Ni films compared to that in the Al film. Then, ␥ decreases in the Cu and Ni films until additional dislocations are nucleated from the surface, whereas it remains nearly constant in the Al film. With nucleation of additional dislocations in stage III, ␥ increases again for all three films. Interestingly, the decrease in ␥ in the Cu and Ni films to levels comparable to those in the Al film marks the end of the easy-glide stage in the Cu and Ni films.
In Figs. 1͑a͒-1͑c͒ , the films' mechanical response during stage I demonstrates that the increase in the von Mises stress, vM , corresponds to the mobilization of the initial dislocation population. In stage I, the plastic strain rate increases more in the Ni and Cu films than in the Al film, indicating higher dislocation mobility in films of metals with low-to-moderate values of ␥ s / ␥ u than in those with high values of ␥ s / ␥ u . In the Cu and Ni films, the high plastic flow rate leads to the dissipation of the stress imparted in the films due to the application of biaxial strain, causing vM in these films to remain nearly constant during stage II. On the other hand, the higher dislocation mobility in the Ni and Cu films promotes interactions between dislocations resulting in greater dislocation annihilation rates in these films than that observed in the Al film. In the Cu and Ni films, this dislocation annihilation process causes the plastic flow rate to decrease with increasing applied biaxial strain during stage II ͓Fig. 1͑c͔͒. In contrast, during stage II, the plastic flow rate in the Al thin films remains essentially constant and lower than those in the Ni and Cu films. Due to the fewer interactions between dislocations in the Al film, the dislocation annihilation rate in this film is nearly half as those in the Ni and Cu films. Additionally, the stress dissipation in the Al film is lower due to the lower plastic flow rate, and vM in the Al film increases monotonically in stage II ͓Fig. 1͑a͔͒.
At the onset of stage III, the plastic flow rates in the Ni and Cu films are reduced below that of the Al thin film and the stress in the Ni and Cu films starts to increase. During stage III ͓Fig. 1͑a͔͒, for the Ni and Cu films, the increasing stress is accompanied by a very low dislocation density ͑up to about 20% of 0 ͒ in these films; the occurrence of such low dislocation densities can be characterized as "dislocation starvation." In the Al film, however, the limited plastic flow does not promote interactions between dislocations and, con- FIG. 1. ͑Color online͒ Evolution ͑i.e., dependence on strain, , during dynamic deformation͒ of the ͑a͒ von Mises stress, vM , as a fraction of the ideal shear strength, u , ͑b͒ dislocation density, , as a fraction of the initial dislocation density, 0 , and ͑c͒ plastic strain rate, ␥ , from MD simulation of dynamic biaxial tensile straining of nanometer-scale-thick films of Al, Cu, and Ni ͓light gray ͑green online͒, gray ͑red online͒, and dark gray ͑blue online͒ lines, respectively͔.
sequently, the minimum dislocation density ͑as a fraction of 0 ͒ in this film is more than twice as high as that in the Ni and Cu films ͓Fig. 1͑b͔͒.
In Cu and Ni thin films, Shockley partial dislocations and stacking faults are more prevalent than perfect dislocations, and stacking faults act as sources for dislocation cross slip and eventual dislocation annihilation. These stackingfault-mediated mechanisms of dislocation dissociation and annihilation have been analyzed extensively elsewhere; 16 they are similar to the Friedel-Escaig 17 and Fleischer-type   18 cross-slip mechanisms observed in bulk and small-volume structures of fcc metals. The mechanisms of dislocation annihilation in Al thin films, however, are primarily due to interactions between perfect dislocations with opposite Burgers vectors in different glide planes. Figure 2 shows top views at different time instants of the Al film that exhibited the mechanical response shown in Fig. 1 . Figure 2͑a͒ shows the initial microstructure of the film. In Figs. 2͑a͒ and 2͑b͒, blue and other colored atoms denote atoms in a locally perfect hexagonal close-packed environment and atoms in dislocation cores, respectively. In Fig. 2͑c͒ , atoms that have slipped due to the glide motion of perfect dislocations are shown; each color corresponds to a specific Burgers vector. For clarity, only three Burgers vectors, namely, b = ͑a / 2͒ ϫ͓101͔, ͑a / 2͓͒110͔, and ͑a / 2͓͒011͔ are included and other atoms are not shown; for example, the golden colored atoms correspond to those that slipped due to the glide of dislocations with b = ͑a / 2͓͒110͔. In Figs. 2͑a͒-2͑c͒, multiple locations are marked to show clearly dislocations with opposite Burgers vectors in different glide planes that interact and annihilate one another. The underlying dislocation annihilation mechanisms 8 are completely analogous to collinear interactions that have been demonstrated in bulk fcc metals. 19 These differences in the films' dislocation population evolution and the mechanisms of dislocation depletion suggest that stacking faults play a significant role in the annihilation of dislocations in ultrathin films of fcc metals with moderateto-high propensity for stacking-fault formation.
In summary, our MD simulations of various ultrathin fcc metallic films under dynamic biaxial tensile straining indicate that there are significant differences in the evolution of the flow stress between films of metals with high propensity for formation of stacking faults and those with low such propensity. We find that the plastic flow in Ni and Cu films is far more pronounced than in Al ones during the initial stages of dynamic deformation, causing significant stress dissipation and an extended easy-glide stage in Cu and Ni thin films; we attribute these differences to the different mechanisms of dislocation interaction and annihilation in the Cu and Ni films from those in the Al films. Our analysis provides further insights into the subtle differences in the mechanical behavior of thin films of fcc metals and the underlying mechanisms of dislocation depletion. 
